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two  kinds  of  particles  are  present  with  composition  close  to  All3Fe4  and 
Al10Fe^Ce.  Some  Al^Fe  is  seen  in  these  alloys  in  the  as-receivea  condition  and 
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the  other  three  alloys.  Creep  deformation  of  the  Al-8.8Fe-3.7Ce  alloy  enhances 
particle  coarsening  rates  while  no  such  effect  is  noted  after  fatigue  deforma¬ 
tion.  A  high  temperature  age  preceding  a  low  temperature  age  gives  a  stable 
microstructure  at  the  lower  temperature. 

-The  improved  lattice  matching  previously  observed  in  the  equilibrium,  tetra¬ 
gonal  Ala  (V0i  a7SZr0>  125  )  over  the  unalloyed  Al3Zr  phase  was  also  found  in  the 
respective  metastable  cubic  phases.  This  improvement  in  disregistry  is  suggested 
to  be  responsible  for  the  improved  stability  and  reduced  coarsening  kinetics  of 
the  cubic  Al3  (V0  #  q7s  Zr0 #  lg5  )  phase  (o  =  65  ergs/cnf)  when  compared  to  the  un¬ 
alloyed  Al-Zr  phase  (a  =  90  ergs/cnf  ).  Electron  diffraction  analysis  was 
employed  to  determine  the  lattice  parameters  of  both  cubic  phases.  After  the 
application  of  Vegard's  Law,  it  was  predicted  that  the  cubic  Al3  (V0 > 72S Zr0> 275  ) 
should  be  perfectly  coherent  with  the  Al  matrix. 
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Introduction 


The  objective  of  this  research  is  to  provide  basic  data  needed  to  design 
a  high  temperature  aluminum  base  alloy  useful  to  the  highest  possible  temper¬ 
ature  and  to  evaluate  the  stability  of  some  high  temperature  aluminum  base 
alloys  developed  in  recent  years. 

According  to  the  Wagner-Lif shitz -Slyozov  (W-L-S)  theory  for  diffusion 
controlled  coarsening  of  a  dispersed  phase  the  average  radius  at  time  t,  r3 
is  proportional  to  (aDCQt)  where  a  is  the  interfacial  energy,  D  is  the 
diffusivity  of  the  rate  controlling  element,  and  C0  is  the  solubility  limit. 
For  microstructural  stability  at  high  temperatures,  the  dispersed  phase  must 
be  thermodynamically  stable,  and  the  product  oDCQ  must  be  small.  Thus  infor¬ 
mation  about  a»  D,  and  CQ  are  needed  as  the  basis  for  design  of  Al  alloys  for 

elevated  temperature  use.  If  D  and  CQ  are  known,  then  measurement  of  r^  vs.  t 

at  constant  temperature  gives  a.  Low  values  of  a  are  expected  when  there  is 
good  lattice  matching  across  the  interface  between  dispersed  phase  and  matrix. 

Another  important  consideration  is  the  stability  of  the  microstructure 
under  fatigue  loading  conditions.  Cyclic  plastic  deformation  generates 
vacancies  which  amplify  the  diffusivity.  Since  D  is  proportional  to 
(Cve  where  Cv  is  the  vacancy  concentration,  qm  is  the  motion  energy 

of  vacancy-atom  exchange,  k  is  the  Boltzmann  constant  and  T  is  the  absolute 
temperature,  even  a  factor  of  2  or  3  increase  in  the  vacancy  concentration 
should  have  a  profound  effect  on  the  microstructure. 

During  the  past  year  the  following  topics  were  under  study: 

1.  Al-Fe,  Al-Fe-Ce,  and  Al-Fe-Mo-V  alloys.  Further  work  was  done 

on  characterizing  the  dispersed  phase  in  the  Al-Fe-Ce  and 
Al-Fe-Mo-V  alloys.  The  microstructural  stability  of  these 
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alloys  upon  exposure  to  high  temperatures  were  compared,  with 
and  without  prior  cold  work.  Further  studies  on  the  effect 
of  creep  and  fatigue  deformation  on  dispersoid  coarsening  were 
carried  out. 

In  Al-Al,  X  alloys  the  best  matching  between  Al  and  Al  X  (tetra 
gonal  DO  type)  was  obtained  with  Al,  (V  „Zr  ).  Super- 

23  J  • Q7b  * IgO 

saturated  solid  solutions  of  one  volume  7.  Al3Zr  in  Al  and 
Al3  (V  s75Zr  lgs)  in  Al  were  prepared  by  arc  melting.  Precipi¬ 
tation  and  coarsening  of  the  precipitates  were  thoroughly 
studied  in  these  alloys. 

Coarsening  rate  of  Al3Mgg  in  Al  was  determined. 

The  modulus  of  Al,Zr  was  determined. 
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1 .  Studies  of  the  Al-Fe.  Al-Fe-Mo-V  and  Al-Fe-Ce  RSP  P/M  Alloys 

An  Al-8.0Fe  alloy  in  the  form  of  an  upset  pancake  and  an  Al-8. 9Fe-6 .9Ce 
extrusion  were  recently  obtained  from  Alcoa.  An  Al-10Fe-1.5Mo-lV  alloy  in 
the  form  of  halves  of  broken  tensile  specimens,  and  an  Al-8 .8Fe-3 . 7Ce  extru¬ 
sion  had  been  obtained  from  the  AFML  earlier.  These  alloys  have  been  used  in 
studies  aimed  at  the  identification  of  the  dispersed  phases  and  in  the  com¬ 
parison  of  microstructural  stability  upon  exposure  to  elevated  temperatures 
with  and  without  prior  cold  work.  Additionally,  the  Al-8.8Fe-3. 7Ce  alloy 
was  used  in  a  study  of  the  effect  of  creep  and  fatigue  deformation  on  dis- 
persoid  coarsening.  Some  microstructural  examination  of  dilute  Al-Fe  alloys 
(0.17o  and  0.047,  Fe),  prepared  by  arc  melting  high  purity  Al  and  Fe,  has  been 
carried  out  as  well. 


1.1.  Identification  of  dispersoids  in  the  RSP  P/M  alloys 

X-ray  diffractometer  scans  were  run  on  the  four  alloys  in  the 
as-received  condition  and  after  aging  various  times  at  316,  375  and  425° C. 
The  diffraction  information  obtained  from  the  Al-8.0Fe  forging  clearly 
indicated  the  presence  of  only  Al(ss)  and  AlgFe  in  the  as-received  condition 
and  after  aging  at  316° C.  Material  aged  at  375° C  contained  both  AlgFe  and 
Al13Fe4  in  the  Al(ss),  with  the  ratio  of  AlgFe  to  All3Fe4  decreasing  with 
increasing  time  at  375° C.  Some  Al0Fe  could  be  detected  in  the  Al-8.0Fe 
alloy  aged  short  times  at  425° C;  after  120  hours  at  425° C  no  AlgFe  remained. 
The  relative  quantities  of  the  two  dispersed  phases  as  a  function  of  aging 
temperature  and  time  are  presented  in  Fig.  1.  Plotted  is  o 

and  I  /I  as  a  function  of  time  for  the  unaged  Al-Fe  alloy 


and  the  alloy  aged  at  316,  375  and  425° C.  The  intensities  I  ^ 


and 


I  v  refer  to  integrated  intensities  averaged  over  the  three  highest 
ALi  3Fe4 

peaks  of  each  phase.  The  normalizing  intensities  IA^gpe  q  and  IA^  pe  tQ 
refer  to  the  integrated  intensities  for  conditions  where  all  precipitation  is 


assumed  complete,  i.e.,  integrated  intensity  of  AlgFe  in  the  alloy  aged  40 
days  at  316° C  and  All3Fe4  in  the  material  aged  10  days  at  425° C  respectively. 

Interplanar  spacings  obtained  by  x-ray  diffraction  of  the  Al-Fe-Mo-V 
alloy  in  the  as-received  condition  and  after  aging  at  a  higher  temperature, 

575° C,  have  been  reported  earlier  (1).  Reflections  in  the  as-received 
material  were  matched  to  the  AlgFe  phase;  reflections  in  material  aged  at 
575°C  were  matched  to  Al3Fe,  or  more  accurately  expressed,  A^  F©4  •  No  addi¬ 
tional  phases  were  found,  indicating  substitution  of  Mo  and  V  for  Fe  in  these 
phases.  Aging  the  Al-Fe-Mo-V  alloy  at  316° C  did  not  change  the  structure  of 
the  as-received  material.  Material  aged  at  425°C  contained  primarily  All3Fe4 
although  some  AlgFe  reflections  were  still  weakly  present  even  after  aging 
10  days. 

X-ray  diffraction  of  the  Al-Fe-Ce  extrusions  aged  at  425° C  revealed 
essentially  the  same  peaks  as  had  been  reported  earlier  for  the  Al-7.5Fe-3.7Ce 
forging  aged  at  higher  temperatures.  Small  differences  were  noted  in  relative 
peak  intensities  and  small  shifts  of  the  lower  intensity  peak  positions.  The 
d-spacings  representing  reflections  found  in  the  three  Al-Fe-Ce  alloys  aged  at 
425,  475  and  575° C  have  been  retabulated  in  Table  1  of  this  report  in  order  to 
facilitate  comparison  to  the  d-spacings  reported  for  the  All3Fe4  (2)  phase  and 
to  a  body  centered  tetragonal  Al8Mn4Ce  phase  (3).  The  good  match  suggests 
that  the  equilibrium  Al^Fe  Ce  phase  may  be  body  centered  tetragonal,  having 
lattice  parameters  similar  to  those  of  Al8Mn4Ce. 

The  x-ray  diffraction  information  obtained  for  both  Al-Fe-Ce  alloys 
in  the  as-received  condition  and  after  aging  at  316° C  cannot  be  clearly 
matched  to  either  of  the  aforementioned  phases,  although  several  of  the 
All3Fe4  and  AlaMn4Ce  high  intensity  peaks  are  observed.  There  is  quite  a 
bit  of  variation  in  peak  position  between  the  two  alloys  and  between  the  as- 
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received  and  316° C  aged  patterns.  Additionally,  peaks  were  generally  of  low 
intensity  and  broadened. 

To  obtain  additional  information  on  dispersoid  composition,  extrac 
tion  replicas  were  prepared  from  samples  of  each  of  the  four  alloys  in  the  as 
received  condition  and  after  aging  240  hours  at  316° C  or  240  hours  at  425° C. 
The  extraction  was  performed  using  the  electrolyte  of  Cocks  et  al.  (4).  A 
constant  current  source  and  an  aluminum  cathode  were  used  to  apply  10  to 
40  mA/ctrP  for  1  to  4  minutes  to  each  specimen.  Specimens  were  thoroughly 
rinsed  and  heavy  (0.08  mm  thick)  replicating  tape  was  applied  to  the  surface. 
After  removal,  the  tape  containing  extracted  particles  was  carbon  coated,  the 
replicating  plastic  was  dissolved  and  the  films  were  mounted  on  electron 
microscope  grids  in  the  conventional  manner. 

Energy  dispersive  spectroscopy  was  done  c-»*  extracted  particles 
with  a  Hitachi  H700-H  STEM  having  an  attached  Kevex  microanalysis  system. 
Spectra  were  acquired  from  25  to  70  extracted  particles  from  each  specimen, 
depending  on  the  variability  noted.  The  Quantex  Ray  system  was  used  for 
analysis  of  the  resulting  spectra.  Additionally,  selected  area  diffraction 
patterns  from  particles  of  each  material  were  obtained  and  analyzed. 

The  EDS  results  on  the  four  alloys  are  summarized  in  Table  2. 
Included  in  the  table  are  the  number  of  particles  analyzed  for  each  condi¬ 
tion.  The  results  on  the  stoichiometry  of  the  Al-Fe  phases  in  the  Al-8.0Fe 
alloy  are  consistent  with  information  obtained  from  x-ray  diffraction;  Al-Fe 
is  present  in  unaged  material  and  in  material  aged  at  316° C;  Al1,Fe4  is 
present  in  material  aged  at  425° C.  The  slightly  lower  aluminum  content  in 
the  "Al^Fe"  particles  in  the  as-received  material  versus  the  material  aged 
at  316° C  may  reflect  a  higher  temperature  of  formation  of  the  particles 


during  rapid  quenching. 


I 

Table  2.  Summary  of  the  Compositional  Analysis  of  the  Dispersed  ) 

Phases  in  the  RSP  P/M  Alloys  of  the  Present  Study. 


Alloy  Composition 

Particle  Composition 

(wt. 

(at.  2) 

As  Received 

316~C-290  hrs 

925°  C-290  hrs 

i 

A 1  -  8  F  e 

21  particles: 

18  particles: 

12  particles: 

- 

83.87  4  1.50  A1 

86.89  4  0.65  A1 

76.53  4  1.92 

A1 

• 

16.13  ±  1.50  Fe 

13.16  4  0.65  Fe 

23.97  4  1.92 

Fe 

• 

Al-10Fe-l . 5Mo-lV 

5  particles: 

6  particles: 

< 

« 

i 

86.59  4  3.19  A1 

80.19  4  2.67 

A1 

1 

13.96  4  3.19  Fe 

19.86  4  2.67 

Fe 

N 

19  particles: 

- 

13  particles: 

• 

85.96  4  0.51  A1 

87.29  4  1.52 

A1 

N 

11.36  4  0.93  Fe 

8.19  4  2.95 

Fe 

: 

1.56  4.  0.12  Mo 

2.09  4  0.39 

Mo 

1 

1.61  4  0.12  V 

2.69  4  1.62 

V 

Al-8.9Fe-6.9Ce 

9  particles: 

7  particles: 

5  particles: 

87.98  ±  1.99  A1 

86.66  4  2.96  A1 

79.77  4  1.36 

A1 

12.02  4  1.99  Fe 

13.22  4  2.96  Fe 

20.23  4  1.36 

Fe 

i 

0.13  4  0.31  Ce 

1 

• 

22  particles: 

20  particles: 

21  particles: 

83.89  4  1.23  A1 

82.15  4  0.59  A1 

79.12  4  0.68 

A1 

11.31  4  1.91  Fe 

12.38  4  1.99  Fe 

15.93  4  0.63 

Fe 

9.85  4  0.79  Ce 

5.96  4  0.89  Ce 

5.98  4  0.35 

Ce 

Al-8.8Fe-3.7Ce 

19  particles: 

3  particles: 

22  particles: 

I 

85.76  i  1.92  A1 

83.96  4  9.09  A1 

81.93  4  3.00 

A1 

i 

19.13  4  1.90  Fe 

15.82  4  9.89  Fe 

18.32  ±  3.00 

Fe 

■i 

0.10  4  0.12  Ce 

0.27  4  0.95  Ce 

0.29  4  0.13 

Ce 

j 

16  particles: 

11  particles: 

21  particles: 

j 

78.99  ±  0.86  A1 

78.36  4  0.96  A1 

81.88  4  1.00 

A1 

■ 

20.90  4  o.86  Fe 

20.95  4  0.79  Fe 

13.53  4  0.82 

Fe 

s 

H 

0.62  4  0.90  Ce 

0.69  4  0.92  Ce 

9.59  4  0.59 

Ce 

39  particles: 

10  particles: 

81.77  4  0.71  A1 

79.69  4  1.32  A1 

13.89  4  0.92  Fe 

16.99  4  1.98  Fe 

1 

9.39  4  0.50  Ce 

3.82  4  0.92  Ce 

1 

A  Is  Fe : 

85.7 

A1 

AliaFe4: 

76.5 

A1 

Al10FeaCe: 

76.9 

A1 

19.3 

Fe 

23.5 

Fe 

15.9 

Fe  ^ 

7.7 

Ce  ; 
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EDS  results  on  the  Al-Fe-Mo-V  alloy  are  similar  to  those  of  the 
Al-Fe  alloy,  as  expected.  The  aluminum  concentration  of  the  particles  from 
the  as -received  material  is  consistent  with  the  aluminum  concentration  in 
Al-Fe.  The  iron  content  is  somewhat  low  in  most  particles;  several  percent 
Mo  and  V  appear  to  substitute  for  Fe  in  this  phase.  Some  particles  of  the 
AlgFe  type  are  seen  having  undetectable  amounts  of  Mo  or  V.  The  compositions 
of  particles  in  the  material  aged  240  hours  at  425° C  are  more  often  consistent 
with  the  Al.Fe  stoichiometry  than  with  the  stoichiometry  of  Al^Fe^.  This  is 
in  contrast  to  what  was  noted  in  the  x-ray  diffraction  results,  where  some 
evidence  of  Al-Fe  was  present  but  the  pattern  clearly  indicated  a  higher 
volume  fraction  of  Allr>Fe4.  This  may  be  an  artifact  due  to  a  preference  in 
the  extraction  technique  for  removal  of  AlgFe. 

The  EDS  results  from  both  Al-Fe-Ce  alloys  aged  at  425° C  could  be 
neatly  divided  into  two  groups;  particles  which  contain  little  or  no  cerium 
and  particles  which  contain  substantial  quantities  of  cerium.  There  is  some 
correlation  between  morphology  and  composition.  Elongated  particles  gener¬ 
ally  contain  no  cerium  and  more  equiaxed  particles  generally  contain  cerium. 
Measured  compositions  for  the  two  types  of  particles  match  well  to  the  com¬ 
positions  of  AL^Fe^^  and  All0Fe3Ce.  However,  the  Al  concentrations  are 
slightly  high  and  the  Fe  and  Ce  concentrations  are  correspondingly  low. 

Some  x-ray  mapping  was  done  to  determine  whether  there  was  any  variation  in 
particle  size  with  particle  type.  Coarsening  theory  would  predict  that, 
since  cerium  diffusivity  reported  in  aluminum  is  much  slower  than  iron 
diffusivity  in  aluminum,  the  particles  containing  Ce  should  coarsen  more 
slowly.  Although  no  quantitative  separation  of  particle  size  distributions 
was  done,  qualitative  examination  of  the  x-ray  maps  indicated  that  the  Ce- 
containing  particles  are  comparable  in  size  to  those  particles  having  no 


Results  on  the  Al-8.8Fe-3.7Ce  and  Al-8.9Fe-6.9Ce  alloys  in  the  as- 
received  and  316° C  aged  state  show,  in  addition  to  the  two  types  of  particles 
mentioned  above,  particles  having  compositions  close  to  AlgFe.  The  number 
fraction  of  particles  containing  Ce  is  higher  in  the  alloy  with  the  higher 
Ce  content. 

The  volume  fraction  of  dispersed  phase  present  in  the  four  alloys 
was  measured  by  a  point  counting  technique  and  compared  to  the  volume  frac¬ 
tions  predicted  from  alloy  composition  and  the  phase  or  phases  assumed 
present.  This  comparison  is  shown  in  Table  3.  In  the  Al-8.0Fe  alloy,  if 
all  Fe  goes  to  form  AlgFe,  22.3  volume  percent  dispersoid  is  expected;  if  it 
goes  to  form  All3Fe4 ,  15.6  percent  is  expected.  The  measured  dispersoid 
volume  fraction  of  16  percent  in  the  alloy  aged  at  425° C  is  consistent  with 
the  presence  of  all  All3Fe4 .  Table  3  shows  that  the  as-received  and  316°C 
aged  Al -Fe-Mo-V  alloys  contain  primarily  AlgFe.  Volume  fraction  measurements 
in  the  Al-Fe-Ce  alloys  seem  to  show  that  under  all  conditions  examined,  some 
Al.Fe  is  present.  Less  is  present  after  aging  at  425° C. 

Selected  area  diffraction  patterns  obtained  for  all  alloys  support 
the  EDS  results:  patterns  from  particles  in  the  binary  alloy  aged  at  425° C 
were  indexed  to  be  Al13Fe4  ;  patterns  from  particles  in  material  aged  at  the 
lower  temperature  could  be  matched  to  the  AlFe  structure  (Fig.  2).  The 
same  trend  was  seen  in  the  Al -Fe-Mo-V  alloy:  Al^Fe^  in  material  aged  at 
425°C;  AlgFe  in  the  as-received  material  (Fig.  3).  Patterns  from  particles 
of  the  Al-Fe-Ce  alloys  aged  at  425° C  could  be  indexed  either  to  monoclinic 
AllaFe4  or  to  a  body-centered  tetragonal  structure  having  lattice  parameters 
similar  to  Al^M^Ce  (Fig.  4). 
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.g.  4.  Selected  area  diffraction  patterns  from  particles  in  the  Al-8.8Fe 
3 . 7Ce  alloy:  a)  "All3Fe4"  type  and  fa)  "Al-L-Fe^e”  type. 
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1.2.  Coarsening  kinetics  of  the  alloys  during  exposure  to  high 
temperatures _ 

The  four  alloys  were  aged  varying  lengths  of  time  at  316,  375  and 
425°C.  Aging  at  316°C  was  done  in  air;  aging  at  375  and  h25”C  was  done  in  a 
vacuum  of  1  x  1CT3  Pa.  Vickers  microhardness  measurements  were  taken  from 
polished  surfaces  of  the  aged  samples  using  a  300  gram  load.  Results  of  these 
microhardness  measurements  are  presented  in  Figs.  5,  6  and  9.  The  microhard¬ 
ness  of  the  Al-8.0Fe  alloy  drops  more  rapidly  than  the  microhardness  of  any 
of  the  other  alloys  upon  exposure  to  all  three  temperatures  examined.  How¬ 
ever,  the  microhardness  of  the  Al-8.0Fe  alloy  is  for  all  conditions  examined 
greater  than  the  microhardness  of  the  Al-8 .8Fe-3 . 7Ce  alloy. 

Aging  of  the  Al-10Fe-l .5Mo-lV ,  Al-8 . 9Fe-6 . 9Ce  and  Al-8 .8Fe-3 . 7Ce 
alloys  at  375° C  and  425° C  leads  to  a  loss  of  microhardness.  The  rates  at 
which  these  alloys  lose  hardness  are  comparable.  In  all  cases,  the  micro¬ 
hardness  of  the  Al-Fe-Mo-V  alloy  is  highest  and  that  of  the  Al-8.8Fe-3. 7Ce 
alloy  is  lowest,  but  the  actual  values  reflect  not  only  dispersoid  volume 
fraction  and  size  but  also  the  initial  processing  of  the  alloys. 

Volume  fraction  of  dispersoids,  measured  by  the  technique  described 
earlier  (1),  has  been  plotted  as  a  function  of  aging  time  at  425  and  375° C  in 
Figs.  7  and  8  for  the  four  alloys.  The  dispersoid  volume  fraction  remains 
essentially  constant  for  the  Al-Fe-Ce  alloys  during  aging  at  either  tempera¬ 
ture.  Aging  of  the  Al-8.0Fe  alloy  at  425° C  shows  constant  volume  fraction 
consistent  with  the  volume  fraction  predicted  if  all  of  the  Fe  goes  to  form 
AL,Fe4.  At  375°C,  there  is  a  decrease  in  volume  fraction  with  time,  expected 
as  Al„Fe  transforms  to  All3Fe4.  Aging  of  the  Al-Fe-Mo-V  alloy  at  425°  shows 
an  initial  drop  in  dispersoid  volume  fraction  to  the  value  expected  for  the 
Al-._Fe4  phase.  A  constant  high  volume  fraction  is  noted  during  aging  at  375°C 
indicating  the  presence  of  the  AlsFe  phase. 


0.60 


vs.  agi 


Volume  fraction  dispersed  phase  vs.  aging  time  at  375° C 
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Aging  of  the  Al-Fe-Mo-V  and  Al-Fe-Ce  alloys  at  316° C  leads  to  a 
slight  increase  in  microhardness,  indicative  of  an  increase  in  dispersoid 
volume  fraction  with  a  corresponding  decrease  in  matrix  supersaturation 
(Fig.  9). 

Measurements  of  dispersed  particle  mean  intercept  length  were  made 
from  TEM  micrographs  of  two-stage  replicas  by  the  method  used  earlier  (1). 

While  no  measurement  of  particle  size  was  undertaken  in  the  specimens  aged  at 
316° C,  the  microstructure  was  observed.  In  Fig.  10a  and  b,  the  Al-Fe  and 
Al-Fe-Mo-V  microstructure  after  aging  480  hours  at  316° C  is  shown.  Note  the 
inhomogeneity  of  both  alloys  preventing  accurate  determination  of  particle 
size.  Particularly  note  the  presence  of  large  grain  boundary  particles  and 
fine  matrix  particles.  A  comparison  of  the  microstructures  of  the  Al-Fe-Ce 
alloys  aged  1488  hours  at  316° C  is  seen  in  the  TEM  micrographs  of  shadowed 
two-stage  replicas  of  Fig.  10c  and  d.  The  Al-Fe-Ce  alloys  are  more  homo¬ 
geneous  than  the  Al-Fe  or  Al-Fe-Mo-V  alloys  and  appear  similar  to  each  other. 

The  microstructures  of  the  four  alloys  after  aging  60  hours  at  425° C  are 
presented  in  the  TEM  micrographs  of  Fig.  11a  through  d. 

The  results  of  measurements  of  particle  mean  intercept  lengths 
for  all  four  alloys  after  aging  at  425° C  and  375° C  are  presented  in  Table  4. 

The  j-  indicates  the  95%  confidence  interval  about  the  average  value  of  mean 
intercept  length  calculated  for  different  regions  of  the  same  specimen  and 
do  not  refer  in  any  way  to  the  distribution  of  particle  sizes. 

A  number  of  theories  (5-8)  modeling  the  coarsening  of  dispersed 
phase  particles  predict  equations  having  the  form 

rn  =  A  +  B  t 
n 

where  r  is  the  average  particle  radius,  t  is  time  and  A  and  are  constants. 

The  exponent  n  is  generally  an  integer  between  2  and  5  and  is  indicative  of 
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Vickers  microhardness  vs.  aging  time  at  316° C  for  the  four 
RSP  P/M  alloys. 
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Fig.  10.  TEM  micrographs  of  shadowed  two-stage  replicas  of  specimens 

aged  at  316°C:  a)  Al-8Fe  after  480  hours,  b)  Al-10Fe-1.5Mo-lV 
after  480  hours,  c)  Al-8.8Fe-3.7Ce  after  1488  hours  and  d) 
Al-8.9Fe-6.9Ce  after  1488  hours. 
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Fig.  11.  TEM  micrographs  of  shadowed  two-stage  replicas  of  specimens 
aged  60  hours  at  425°C:  a)  Al-8Fe,  b)  Al-10Fe-l .5Mo-lV,  c) 
Al-8.8Fe-3.7Ce  and  d)  Al-8.9Fe-6.9Ce. 


the  rate  controlling  mechanism  of  growth,  i.e.,  growth  by  reaction  at  the 
interface  (n=2),  by  bulk  diffusion  (n=3) ,  by  grain  boundary  diffusion  (n=4) , 
or  by  dislocation  pipe  diffusion  (n=5).  All  models  require  several  simplify¬ 
ing  assumptions.  Binary  alloys  having  a  very  dilute  dispersion  of  a  single 
phase  may  be  treated  easily.  The  alloy  systems  of  this  study  all  have  a 
relatively  high  volume  fraction  dispersed  phase  having  non-spherical  morphology. 
Of  course,  both  the  Al-Fe-Mo-V  and  Al-Fe-Ce  alloys  are  ternary  systems,  but 
additional  complications  arise  in  the  Al-Fe-Ce  system  because  of  the  presence 
of  two  types  of  particles.  Nevertheless,  the  mean  intercept  length  data  of 
this  study  was  inserted  into  the  above  expression  for  the  cases  where  n=l,  2, 

3,  4  and  5.  A  least  squares  analysis  was  used  to  obtain  a  'rate  constant' 
for  each  case.  Additionally,  a  correlation  coefficient,  R,  was  calculated  to 
obtain  a  quantitative  measure  of  the  linearity  for  each  case.  The  correlation 
coefficient  R  is  given  by  the  expression 


m 


R  =  m  £  ti-(ILin)(Iti)4./fm(ILi2n)-(i;ti)8H 

1=1 


_  7  2n 
m  L 
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where  m  is  the  number  of  data  points  available  and  i  represents  an  individual 
data  point. 


Values  of  R  closest  to  unity  represent  the  best  linear  fit.  In 
Fig.  12,  the  coefficient  R  is  plotted  versus  the  exponent  n  for  the  data 
taken  from  specimens  aged  at  425  and  375° C.  A  value  of  n=3  appears  to  give 
the  best  fit  for  aging  all  alloys  except  Al-8.8Fe-3.7Ce  at  425° C.  A  higher 
exponent  gives  a  better  fit  for  the  Al -8 .8Fe-3 . 7Ce  data  at  425°C.  At  375°C, 
an  exponent  n=3  still  gives  the  best  fit  for  the  Al-8.0Fe  alloy,  while  a 
higher  exponent  gives  a  better  fit  for  the  other  alloys.  This  type  of  analysis 
seems  to  show  that  different  coarsening  mechanisms  operate  between  the  two 


temperatures  and  between  the  four  alloys 


squares  correlation  coefficient,  R,  vs.  exponent,  n,  for 
of  the  RSP  P/M  alloys  at  a)  425° C  and  b)  375° C. 


In  Figs.  13  and  14,  the  data  has  been  plotted  as  L3  vs.  time  to 


conform  with  the  predictions  of  the  LSW  theory  for  bulk  diffusion  controlled 
coarsening.  The  rate  constants,  measured  from  the  slopes  of  the  L3  vs.  time 
curves,  have  been  listed  in  Table  5.  The  measured  rate  constants  are  compared 
to  rate  constants  calculated  using  the  LSW  model: 
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a  DC  f? 

9  X„kT 
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K&1  .  g 

K  (0)  S 


where  a  is  the  particle-matrix  interfacial  energy,  D  is  the  diffusivity  oi 
the  solute  in  the  matrix,  Cq  is  the  equilibrium  solubility  limit  of  the  solute 
in  the  matrix,  Q  is  the  atomic  volume  of  the  solute  in  the  dispersed  phase, 

Xg  is  the  atom  fraction  of  solute  in  the  dispersed  phase,  K($)/K(0)  is  a 
volume  fraction  correction  factor,  £  is  a  constant  relating  the  average 
particle  radius  cubed  to  an  intercept  length  cubed,  and  k  and  T  have  their 
usual  meanings. 

In  this  calculation,  a  particle-matrix  interfacial  energy  of  1  j/nP 
is  assumed.  Values  for  the  solid  solubility  and  diffusivity  of  Fe  and  Ce  in 
Al  were  taken  from  the  literature  (9-12).  The  available  data  lie  in  a  range 
of  temperatures  which  are  somewhat  higher  than  those  used  in  this  study. 
Therefore,  it  was  necessary  to  extrapolate  the  solubility  and  diffusivity 
results  to  the  temperatures  used  in  the  present  work.  Rate  constants  were 
calculated  assuming  dispersed  phase  compositions  of  AleFe,  Al1>5Fe4  and 
AL,.Fe2Ce  where  appropriate.  In  the  calculations  for  the  Al-Fe  and  Al-Fe-Mo-V 
alloys,  use  was  made  of  the  Brailsford  and  Wynblatt  (13)  volume  fraction  cor¬ 
rection  factor  for  the  measured  volume  fraction  dispersed  phase.  In  the  case 
of  the  Al-Fe-Ce  alloys,  the  Brailsford  and  Wynblatt  volume  fraction  correction 


factor  was  used  for  the  predicted  volume  fraction  of  each  dispersed  phase 
since  the  measured  volume  fractions  could  not  be  separated  into  contributions 


Fig.  14.  Particle  mean  intercept  length  cubed,  L3,  vs.  aging  time  at  375° C 
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from  each  phase. 

In  all  cases,  the  measured  rate  constants  were  larger  than  the 
calculated  values.  The  largest  discrepancies  occurred  at  the  lower  tempera¬ 
tures.  Note  that  the  predicted  value  of  the  rate  constant  for  Al  Fe  Ce 

10  2 

growth  is  orders  of  magnitude  smaller  than  that  for  AL^Fe^  .  From  this 

result,  one  would  expect  to  find  small  Al^Fe  Ce  particles  and  large  Al10Fe4 

particles  in  the  Al-Fe-Ce  alloys.  As  was  stated  in  an  earlier  section,  x-ray 

mapping  on  extracted  particles  did  not  show  this  trend;  Al^Fe^Ce  particles 

were  comparable  in  size  to  the  All3Fe4  particles.  Additionally,  one  would 

expect  a  significantly  slower  growth  rate  of  particles  in  the  Al-8.9Fe-6 .9Ce 

alloy  as  compared  to  the  Al-8.8Fe-3.7Ce  alloy  since  a  much  larger  ratio  of 

Al1-Fe2Ce  to  Al1._Fe4  is  predicted  in  the  former  alloy.  Comparison  of  the 

measured  rate  constants  for  these  two  alloys  at  the  two  temperatures  of  this 

study  did  not  show  this  effect.  One  explanation  for  the  comparable  growth 

rates  for  AlloFe3Ce  and  All3Fe4  particles  is  that  the  reported  value  for  Ce 

diffusivity  in  Al  is  incorrect;  examination  of  the  pre-exponential  term  shows 

an  unreasonably  small  value.  The  measured  rate  constants  may  be  compared  for 

the  four  alloys.  At  425<=C,  <  kS“.8F.-3.7C. 

mp ae  me 3  s 

At  375°C,  K.  ,,  is  much  smaller  than  K  for  the  other  three  alloys. 

Al-Fe-Mo-V 

t,meas  ,,meas  ,  ,,meas  ,  , 

KA1-Fe’  KAl-8.8Fe-3.7Ce  and  KAl-8. 9Fe-6 . 9Ce  a” 

Determination  of  an  activation  energy  for  the  coarsening  process  was 
attempted  for  the  Al-Fe-Ce  and  Al-Fe-Mo-V  alloys.  Plotted  in  Fig.  15  is 
In  K  T/C0  vs.  1/T  for  the  measured  rate  constants  presented  here  in  addition 
to  rate  constants  obtained  earlier  at  higher  temperatures.  The  slope  of  each 
line  is  given  by  -Q/R  where  Q  is  the  activation  energy  for  the  process  and  R  is 
the  gas  constant.  The  figure  actually  shows  a  slightly  larger  activation 


energy  for  the  Al-Fe-Ce  alloys  than  for  the  Al-Fe-Mo-V  (18.9  vs.  17.6  kcal/mole). 
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Fig,  15.  Plot  of  In  vs  •  1/T  for  aged  Al-Fe-Mo-V  and 

Al-Fe-Ce  alloys. 


(Note  that  the  two  Al-Fe-Ce  points  on  the  far  right  side  of  the  figure  have 
not  been  considered  in  the  activation  energy  determination  since  the  exponent, 
n=3,  was  clearly  inappropriate  at  that  temperature.)  This  would  seem  to  suggest 
that  since  the  activation  energy  is  larger,  the  pre-exponential  term  in  an 
effective  diffusivity  must  also  be  larger  for  the  Al-Fe-Ce  alloys  in  order  to 
achieve  the  faster  coarsening  kinetics.  This  term  would  be  expected  to  be  a 
strong  function  of  the  defect  density  of  the  material  and  therefore  a  strong 
function  of  alloy  processing. 

Since  a  larger  value  of  the  exponent  n  was  appropriate  for  several 

of  the  alloys,  particularly  at  the  lower  temperatures,  rate  constants  based  on 

the  slope  of  an  L°  vs.  time  plot  have  been  calculated  and  are  listed  in  Table  6 

of  the  four  alloys.  Calculation  of  a  rate  constant  predicted  by  Kreye's  model 

for  coarsening  along  dislocation  lines  requires  knowledge  of  the  number  of 

dislocations  attached  to  the  particles,  a  quantity  which  was  not  determined  in 

this  study.  It  is  possible  then  to  compare  only  the  relative  magnitudes  of  the 

rate  constants  of  the  four  alloys.  At  425° C,  K^f33  „  and  Kmf33  are  com- 

Al -Fe-Mo-V  Al-Fe 

parable  and  „ch  smaller  than  <£!|-8Fe.3.7Ce  ««i  *^".OTe-6.9Ce-  At  375°C- 

K™333  ,,  „  is  an  order  of  magnitude  smaller  than  the  Kmeas  for  the  other 

Al-Fe -Mo -V 

alloys . 

Grain  size  during  425° C  aging  of  the  Al-8 ,8Fe-3 . 7Ce  alloy  was 
approximated  by  counting  intersections  of  grains  with  random  test  lines  on 
projected  TEM  images.  In  Fig.  16,  grain  size  vs.  aging  time  at  425° C  is 
plotted.  After  the  first  24  hours  of  aging,  grain  size  appears  relatively 
constant.  Having  a  measurement  of  grain  size  in  the  alloy  allows  one  to 
calculate  an  expected  rate  of  growth  of  particles  by  diffusion  along  grain 
boundaries  as  done  by  Pontikakos  and  Jones  (14)  in  the  Al-Fe  alloy.  Values 
for  such  parameters  as  grain  boundary  diffusion  of  Fe  in  Al,  grain  boundary 


Table  6.  Comparison  of  Coarsening  Rate  Constants  in 
the  RSP  P/M  Alloys  for  exponent,  n  =  5. 


Temperature  Alloy  Composition  Rate  Constant 
(°  C)  _ (wt.  %) _ ( ujn°  /  hr) 


425 

Al-10Fe-l . 5Mo-lV 

8.64 

X 

10 

425 

Al-8Fe 

8.99 

X 

10' 

425 

Al-8.8Fe-3.7Ce 

3.33 

X 

10' 

425 

Al-8.9Fe-6.9Ce 

2.20 

X 

10' 

375 

Al-10Fe-l . 5Mo-lV 

3.23 

X 

10 

375 

Al-8Fe 

2.72 

X 

10 

375 

Al-8.8Fe-3.7Ce 

3.39 

X 

10 

375 

Al-8.9Fe-6.9Ce 

8.64 

X 

10 

width  and  the  ratio  of  grain  boundary  energy  to  particle-matrix  interfacial 
energy  were  chosen  as  in  the  Pontikakos  and  Jones  study.  A  value  for  the 
fraction  of  grain  boundary  area  covered  by  particles  was  approximated  by 
assuming  all  particles  lie  on  grain  boundaries.  This  value  is  a  function  of 
time.  Calculating  the  rate  constant  using  values  of  the  fraction  at  early 
and  late  times  leads  to  KCa^C  =  2.31  x  10-4  to  .582  X  ICf4  um4/hr.  The 
experimental  rate  constant  of  2.29  x  10T4  am4 /hr  is  consistent  with  the  pre¬ 
dicted  value.  To  date,  no  measurements  of  grain  size  in  the  other  alloys 
have  been  done  so  this  calculation  cannot  be  extended  to  the  other  alloys. 

1.3.  Effect  of  deformation  on  coarsening  kinetics  in  the  RSP  P/M  alloys 

Preliminary  creep  experiments  at  316  to  425° C  reported  earlier  (1) 
had  indicated  that  creep  deformation  enhances  coarsening  kinetics  in  the 
Al-8.8Fe-3.7Ce  alloy.  More  recently,  a  series  of  specimens  were  crept  at 
425° C  and  at  an  initial  stress  of  17.2  MPa  for  varying  lengths  of  time  in 
order  to  quantify  the  degree  of  enhanced  coarsening.  The  creep  specimens 
were  flat  with  gage  section  dimensions  of  6  mm  X  2.8  mm  x  2  mm.  Axial  strain 
as  monitored  by  an  LVDT  is  plotted  versus  time  in  Fig.  17  for  specimens  crept 
at  425° C.  Additionally,  several  specimens  were  fatigued  in  load  control  at 
425° C  with  stress  amplitudes  of  34.4  or  68.8  MPa  for  varying  lengths  of  time. 
Round  threaded  fatigue  specimens  had  a  gage  diameter  and  gage  length  of  4.77  mm 
Prior  to  testing,  all  specimens  were  polished  to  a  0.3  am  finish.  After  the 
tests,  TEM  micrographs  of  shadowed  two-stage  replicas  of  surfaces  of  sectioned 
samples  were  obtained  for  observation  and  subsequent  quantitative  metallography 
Additionally,  microhardness  measurements  for  each  specimen  were  taken  using  a 
300  gram  load  with  a  Vickers  hardness  indentor. 

Results  of  microhardness  measurements  for  the  series  of  specimens 
aged,  crept  or  fatigued  at  425°C  are  given  in  Fig.  18.  The  effect  of  imposed 
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creep  on  the  Al-Fe-Ce  alloy  is  to  markedly  soften  the  material  in  comparison 
to  purely  isothermal  annealing.  A  somewhat  smaller  effect  in  the  opposite 
sense  is  noted  after  fatigue  loading.  Figure  19  illustrates  that  the  volume 
fraction  of  dispersed  phases  in  the  isothermally  annealed,  crept  and  fatigued 
specimens  is  constant  with  time  at  425°C,  as  expected  during  coarsening. 

The  particle  mean  intercept  lengths  for  specimens  isothermally 
annealed,  crept  and  fatigued  at  425° C  are  tabulated  in  Table  7.  Note  that, 
in  contrast  to  creep,  the  intercept  lengths  in  fatigued  specimens  are  somewhat 
smaller  than  those  in  specimens  isothermally  annealed  for  the  same  length  of 
time.  Since  the  use  of  the  exponent  n=5  leads  to  a  good  linear  fit  (see 
Fig.  12)  for  isothermal  aging,  results  have  been  presented  in  Fig.  20  as  L5  vs. 
time.  The  error  bars  of  this  figure  are  exacerbated  by  taking  reasonable 
variations  in  intercept  length  to  a  fifth  power.  The  slopes  of  the  isothermal 
aging  and  creep  data  are  3.33  x  1CT3  ^ /hr  and  2.89  x  10-4  ^nf  /hr,  respectively. 

Two  specimens  were  fatigued  120  hours  at  425° C  with  hold  times  to 
represent  deformation  intermediate  to  the  extremes  of  creep  and  fatigue.  The 
waveforms  for  these  specimens  are  shown  schematically  below. 


Net  ratcheting  of  the  fatigue  curves,  constructed  by  converting  measured 
diametral  strain  to  axial  strain  using  a  Poisson's  ratio  of  1/2,  are  included 
in  Fig.  17.  The  particle  mean  intercept  lengths  in  these  specimens  after 
120  hours  at  425° C  are  compared  in  Table  8  to  mean  intercept  lengths  in  the 
crept  specimen  and  the  specimen  fatigued  without  holding  for  the  same  length 


of  t ime . 


Fig.  19.  Volume  fraction  dispersed  phase  vs.  time  for  the  isothermally  annealed 
crept  and  fatigued  Al-8.8Fe-3.7Ce  specimens. 


Table  7.  Values  of  Particle  Mean  Intercept  Length  in  the 
Al-8.8Fe-3.7Ce  RSP  Alloy  after  Isothermal  Annealing, 
Creep  and  Fatigue  at  425° C 


Time  (hrs) 

Mean  Intercept 

Length*  (cm) 

Isothermal 

Annealing 

Creep( 17 . 2MPa) 

Fatigue 

Act/2  =  34 . 4MPa 

Fatigue 

Act/ 2  =  68 . 8MPa 

6 

- 

- 

- 

0.194  ±  .022 

24 

0.166  ±  .014 

0.328  ±  .044 

- 

- 

60 

0.243  ±  .011 

0.473  ±  .031 

- 

0.212  i  .013 

120 

0.340  ±  .044 

0.570  ±  .060 

0.273  i  .033 

- 

168 

0.348  ±  .022 

- 

- 

- 

240 

0.371  ±  .016 

0.584  ±  .032 

- 

- 

*  ±  refers 

to  95%  confidence 

intervals  about 

the  mean  value 

o 


( 


Table  8.  Particle  Mean  Intercept  Lengths  in  Specimens  Deformed 
120  Hours  at  425  C. 


k 

Stress  Amplitude 
(MPa) 

Hold  Time 
(s) 

Particle  Mean  Intercept  Length 
(um) 

■  ' 

34.4 

0 

0.23  i  0.02 

■  V ' 

17.2 

15 

0.27  i  0.02 

17.2 

120 

0.32  ±  0.04 

17.2 

03 

0.57  ±  0.06 

: 

*± refers  to  95% 

confidence  intervals  about  the  mean  value 

When  comparing  the  kinetics  noted  in  creep  and  fatigue,  it  is 
important  to  note  that  the  strain  rates  are  very  different  in  the  two  deforma¬ 
tion  modes.  Creep  deformation  of  this  study  employed  strain  rates  on  the 
order  of  10"s  s-1 .  Fatigue  deformation  was  carried  out  of  strain  rates  in  the 
1CT4  s_1  range. 

Additional  creep  tests  aimed  at  the  determination  of  the  strain 
rate  sensitivity  of  the  Al-8 .8Fe-3. 7Ce  alloy  were  run  at  initial  stresses  of 
25,  30  and  40  MPa  at  425° C.  In  Fig.  21,  the  plot  of  In  a  vs.  In  em£n  leads  to 
a  measure  of  n,  the  power  law  exponent,  of  ~  1.0.  This  value  of  n  is  expected 
for  the  Nabarro-Herring  diffusional  creep  mechanism. 

The  microstructure  of  crept  and  fatigued  specimens  were  examined 
by  TEM  from  two-stage  replicas  and  from  TEM  thin  foils.  Figure  22a  shows 
creep  cavities  present  at  a  particle-matrix  interface  in  an  Al -8 ,8Fe-3 . 7Ce 
specimen  crept  120  hours  at  17.2  MPa  and  425° C.  Figure  22b  shows  creep 
cavities  at  nearly  every  particle  in  the  field  of  view  in  a  specimen  crept  to 
failure  at  33.7  MPa  and  425° C.  Smaller  cavities  were  noted  in  material 
fatigued  at  this  temperature. 

The  TEM  micrographs  of  thin  foils  of  crept  specimens  (Fig.  23) 
show  dislocations  connecting  the  dispersed  phase  particles.  Figure  23a  was 
taken  in  material  crept  96  hours  at  25  MPa  and  425° C.  This  micrograph  indi¬ 
cates  that  dislocation  pipe  diffusion  may  play  a  significant  role  in  the 
enhanced  coarsening  due  to  creep  deformation,  despite  the  fact  that  the  strain 
rate  sentitivity  of  unity  indicates  that  dislocations  should  not  play  a  major 
role  in  the  creep  process.  In  Fig.  23b,  dislocations  are  seen  forming  a 
network  within  a  grain  of  the  material  crept  120  hours  at  35  MPa  and  425° C. 

Studies  of  the  effect  of  prior  cold  work  (CW)  on  coarsening  kinetics 
were  undertaken  in  the  Al-8Fe,  Al -8 . 8Fe-3 . 7Ce  and  Al-8.9Fe-6 ,9Ce  alloys. 
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Fig.  22.  Creep  cavitation  in  Al -8 ,8Fe-3 . 7Ce  specimens 
a)  crept  120  hours  at  17.2  MPa,  425° C  and  b) 
crept  to  failure  at  33.7  MPa,  425°C. 


Samples  of  each  material  were  first  isothermally  annealed  at  575° C  for  2  hours. 
Half  of  these  samples  were  then  cold  rolled  667-  and  all  samples  were  iso¬ 
thermally  annealed  at  425° C  for  various  lengths  of  time.  Vickers  micro¬ 


5 


hardness  measurements  on  these  specimens  are  compared  to  specimens  isothermally 
annealed  at  425°C  without  any  prior  treatment  in  Fig.  24a  through  c.  Volume 
fraction  measurements  and  L3  have  been  plotted  as  a  function  of  time  in 
Figs.  25  and  26. 

Studying  the  kinetics  in  specimens  aged  2  hours  at  575° C  prior  to 
aging  at  425° C  were  meant  to  represent  kinetic  behavior  at  longer  times.  For 
the  three  alloys  considered.  Fig.  26  shows  that  growth  has  been  slowed  down 
by  the  prior  heat  treatment.  Introduction  of  667,  CW  was  intended  to  increase 
the  defect  density  of  the  material,  thereby  increasing  the  coarsening  kinetics 
over  those  in  the  material  that  was  not  cold  worked.  This  effect  is  seen  in  the 
Al-8Fe  alloy.  In  the  Al-8.8Fe-3.7Ce  alloy,  the  kinetics  are  even  slower  after 
cold  working  than  without  cold  working,  indicating  that  the  material  may  have 
recrystallized  and  grains  have  grown.  Effects  of  short  circuit  diffusion 
along  grain  boundaries  would  then  be  reduced. 

1.4.  Study  of  dilute  Al-Fe  alloys 

Alloys  of  nominal  compositions  Al-0.17>  Fe  and  Al-0.047>  Fe  were 
prepared  by  arc  melting  high  purity  Al  and  Fe  in  an  argon  atmosphere.  Pieces 
of  the  alloys  were  aged  at  375°  C  or  425°  C;  some  were  cold  rolled  907,  prior 
to  aging.  Two  results  were  noted  from  this  study.  The  morphology  of  the 
particles  first  to  nucleate  in  the  aged  alloy  was  needle-like;  particles 
nucleating  in  the  material  which  had  been  cold  worked  before  aging  had  a  more 
equiaxed  morphology.  This  difference  is  illustrated  in  Fig.  27  where  the 
microstructure  of  the  Al-0.04Fe  alloy  aged  425’ C  for  60  hours  and  of  the  alloy 
cold  rolled  907,  and  then  aged  60  hours  at  425’ C  is  shown.  In  addition,  it  was 
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Vickers  microhardness  vs.  time  for  isothermal  aging  at  425° C  with  and 
without  prior  treatment  for  Al-8Fe. 


Vickers  microhardness  vs.  time  for  isothermal  aging  at  425° C  with  and 
without  prior  treatment  for  Al-8.8Fe-3. 7Ce. 
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Vickers  microhardness  vs.  time  for  isothermal  aging  at  425° C  with  and 
without  prior  treatment  for  Al-8.9Fe-6.9Ce. 


Fig.  25(a).  Volume  fraction  dispersed  phase  vs.  time  for  isothermal  aging  at  425° C 
with  and  without  prior  treatment  for  Al-8Fe." 


Volume  fraction  dispersed  phase  vs.  time  for  isothermal  aging  at  425° C 
with  and  without  prior  treatment  for  Al-8.8Fe-3.7Ce. 


Volume  fraction  dispersed  phase  vs.  time  for  isothermal  aging  at  425° C 
with  and  without  prior  treatment  for  Al-8.9Fe-6.9Ce. 


Fig.  26(a).  Particle  mean  intercept  length  cubed,  L3,  vs.  time  for 

isothermal  aging  at  425° C  with  and  without  prior  treatment 
for  Al-8Fe. 


&8F«-3.7C« 


Particle  mean  intercept  length  cubed,  L3,  vs.  time  for  isothermal  aging 
at  425°C  with  and  without  prior  treatment  for  Al-8.8Fe-3. 7Ce. 


425*-  tint* 


Particle  mean  intercept  length  cubed,  L3,  vs.  time  for  isothermal  aging 
at  425°C  with  and  without  prior  treatment  for  Al-8.9Fe-6.9Ce. 
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2.  Effect  of  Lattice  Disregistry  on  the  Decomposition  and  Coarsening 

Kinetics  of  the  AL,(V,Zr)  Phase  in  Supersaturated  A1  -  V  -  Zr  Alloys 

With  the  recent  advances  in  powder  metallurgy  and  rapid  solidification 
technology,  the  development  of  an  aluminum  base  alloy  suitable  for  elevated 
temperature  applications  above  37!?  C  seems  possible.  Such  a  development  is 
dependent  on  the  thermodynamic  stability  and  physical  makeup  of  the 
strengthening  dispersed  phases.  As  is  true  for  y'  in  the  Ni-base  systems,  for 
very  high  temperature  A1  alloys  suitable  dispersed  phases  must  be  thermo¬ 
dynamically  stable  at  temperatures  of  interest,  coherent  with  the  matrix  and 
the  solutes  must  have  low  solubilities  in  the  A1  solid  solution  matrix.  If 
minimum  lattice  disregistry  exists  across  the  precipitate/matrix  boundary, 
then  a  low  interfacial  energy, a  ,  is  expected  to  exist,  and  thus,  a  low 
driving  force  for  Ostwald  ripening. 

As  predicted  by  the  Llfshitz-Slyozov-Wagner  (LSW)  theory  of  Ostwald 
ripening  (1,2),  assumimg  diffusion  controlled  coarsening,  the  average 
precipitate  size  should  increase  in  accordance  to  the  relationship: 

r3  -  r03  =  k(t  -  t0)  ( 1 ) 

where  r  i3  the  average  particle  radius  at  time  t,  r0  is  the  extrapolated  value 
corresponding  to  t0,  and  k  represents  the  rate  constant  given  by: 

k  *  3°  BCoK,  <2> 

vRT 

where  D  is  the  diffusivity  of  the  rate-controlling  solute,  CQ,  is  the 
solubility  limit  of  that  component  in  the  matrix,  v  is  a  stoichiometric  factor 
and  7  i3  the  molar  volume  of  the  dispersed  phase.  In  the  strictest  sense, 


the  LSW  theory  assumes  an  infinitely  dilute  solution  and  that  all  particles 
are  spherical;  however,  few  comparisons  with  systems  which  completely  adhere 
to  these  assumptions  have  been  conducted  (3-5)-  Examination  of  equation  2 
shows  that  minimum  coarsening  should  result  in  alloy  systems  demonstrating  low 
values  of  c,  D  and  C  . 

On  the  basis  of  these  parameters,  Fine  (6)  proposed  a  number  of  inter- 
metallic  compounds  that  form  in  aluminum  as  likely  candidates  for  elevated 
temperature  service.  Previous  X-ray  studies  (7,3)  performed  on  the  Al- 
transition  metal  alloy  systems  have  demonstrated  that  substitution  of  Ti  or  V 
into  the  tetragonal  Al3Zr  or  Al,Hf  intermetal  lie  compound  reduces  the  overall 
lattice  mismatch, 5  ,  when  dispersed  in  an  A1  matrix.  For  the  tetragonal  Al3Zr 
intermetallic  compound,  a  5  of  2.38?  was  measured  (9),  while  the  addition  of  V 
decreases  .r  to  2.39?  for  the  tetragonal  Al2  ( V0 .  =7=  Zr0 .  i2s  )  dispersed  phase  (8) 
This  composition  is  very  near  the  solubilty  limit  of  V  in  the  tetragonal 
D02_,  A 1 ,  Z  r  phase. 

Since  the  transition  metals  have  been  used  extensively  as  a  grain  refiner 
in  A1  alloys,  numerous  studies  have  been  performed  in  the  past  to  characterize 
the  decomposition  of  Al,  X  -type  phases  from  the  supersaturated  solid  solution 
(10-20).  Though  the  exact  transformation  mode  between  the  intermediate  and 
equilibrium  phases  remains  unresolved,  It  is  known  that  the  equilibrium 
tetragonal  phase,  DO, ,-typ1,  is  preceded  by  a  surprisingly  stable  cubic 
phase,  LI,  -type,  in  the  form  of  spoe-'ea  and  .'or  rods.  Qualitative  metal¬ 
lography  has  found  that  it  is  the  presence  of  these  small  spherical  particles 
which  pin  grain  and  subgrain  boundaries  and  thereby  inhibit  grain  growth. 
Thus,  the  stability  of  thi3  cubic  phase  is  of  primary  concern  in  \1  alloyc 
employed  at  elevated  temperatures. 


It  was  the  objective  of  this  study  during  the  past  year  to  1)  determine  if 
the  improved  lattice  matching  previously  observed  in  the  equilibrium 
tetragonal  AL.  (V-  .  =7=  ZrD .  13- )  over  the  unalloyed  Al2Zr  phase  is  also  found  in 
the  respective  metastable  cubic  phase  and  2)  investigate  what  effect  lattice 
disregistry  in  both  the  intermediate  and  equilibrium  phases  has  on  the 
decomposition  and  coarsening  kinetics  in  A1  -  V  -  Zr  alloys.  Furthermore,  as 
a  result  of  the  limited  solubility  of  the  transition  metals  in  A1  (21)  as  well 
as  the  spherical  intermediate  phase  which  has  been  reported  in  these  alloys 
(11-20)  and  the  small  volume  fraction  of  the  Li„  dispersed  phase  in  the  alloys 
studied,  direct  correlation  with  the  L3W  theory  is  possible. 

Experimental  Procedure 

Small,  approximately  5  gram  A1  -  Zr  and  A1  -  V  -  Zr  alloy  buttons  were 
prepared  in  a  Ti  gettered  argon  atmosphere  by  nonconsumable  W  arc  melting 
using  a  water  cooled  Cu  cathode  as  the  crucible.  The  A1  was  99.996?  pure,  the 
V  was  Johnson  -  Mathey  spectrochemical  grade  and  the  Zr  was  cut  from  bars 
prepared  by  the  Van  Arkel  process,  i.e.,  thermal  reduction  of  iodides.  Each 
button  was  melted  four  to  five  times  and  inverted  between  melting  to  ensure 
homogeneity.  Compositional  analysis  performed  by  Alcoa  reaffirmed  that 
minimal  vaporization  losses  occurred. 

To  evaluate  the  effect  of  improved  lattice  matching  on  the  decomposition 
kinetics,  alloy  buttons  containing  A1  -  0.35  w/o  Zr  and  A1  -  0.40  w/o  V  -  0.10 
w/o  Zr  were  initially  cold  rolled  to  5?  of  their  original  thicknesses  prior  to 
isothermal  aging  at  450' C  and  600'C.  These  compositions  were  selected  3ince 
they  represent  approximately  the  same  extent  of  supersaturation  above  the 


peritectic  solubility  limit.  For  additional  analysis,  a  second  set  of  buttons 
underwent  straight  isothermal  aging  at  375°  C. 

For  coarsening  analysis,  alloy  buttons  containing  approximately  1  v/o 
Al3Zr  and  1  v/o  Al3(V0>875Zr0<125 )  were  prepared.  To  evaluate  the  coarsening 
kinetics  of  the  intermediate  cubic  phase,  specimens  were  isothermal ly  aged  at 
375° C  and  425° C,  however,  a  preaging  treatment  at  600° C  for  1  hour  was 
necessary  in  those  specimens  aged  at  the  lower  temperature,  since  cellular 
precipitation  was  found  following  straight  aging  at  375° C.  To  promote  the 
formation  of  the  equilibrium  tetragonal  Al3Zr  phase  for  coarsening  analysis,  a 
third  set  of  specimens  were  initially  cold  rolled  by  90$  and  pre-heat  treated 
at  600° C  for  50  hours.  Following  cold  rolling  and  heat  treating,  both  systems 
underwent  isothermal  aging  at  425° C.  Since  quenched-in  dislocation  loops  are 
often  confused  with  coherent,  spherical  precipitates  in  the  TEM,  all  specimens 
were  air  cooled  following  aging.  In  all  cases,  the  temperature  was  controlled 
to  ±  1°C  in  a  vacuum  of  5  X  10-6  Torr. 

TEM  foils  were  then  spark  machined  and  mechanically  thinned  prior  to 
electropolishing  in  a  solution  of  80$  CH30H  -  20$  HN03  at  50  V  and  at  -70°C. 
The  foils  were  examined  in  a  200  kV  Hitachi  H-700H  electron  microscope  at  an 
operating  voltage  of  175  kV.  A  two  beam  condition  was  used  to  take  advantage 
of  the  "butterfly"  strain  contrast  shown  by  the  metastable,  cubic  AlgO/jZr) 
precipitates  and  a  weak-beara,  darkfield  technique  was  employed  to  resolve 
dislocation/ precipitate  interaction.  For  electron  diffraction  analysis,  the 
techniques  outlined  by  Hirsch  et  al.  (22)  and  Edington  (23)  were  employed. 


Results 


Lattice  Disregistry  of  the  Cubic  41t(Y.Zr)  Phases 

To  measure  the  lattice  parameters  of  both  the  finely  dispersed  cubic  413Zr 
and  Al3 (V0 . 375 Zr0 . i35 )  phases,  electron  diffraction  analysis  was  performed. 

With  the  41  matrix  acting  as  a  camera  constant  standard,  spacings  between 
superlattice  reflections  were  measured  on  a  densitometer  and  where  possible, 
Kikuchl  line  spacings  were  measured.  The  results  of  the  diffraction  analysis 
in  specimens  isothermally  aged  at  425°C  for  various  lengths  of  time  are 
presented  in  figure  1  for  both  systems  studied.  The  dashed  line  represents 
the  lattice  parameter  of  pure  Al,  0.40495nm,  and  was  included  so  direct 
comparison  can  be  made.  As  may  be  seen  with  the  Al3Zr  phase  aged  at  425° C, 
the  mismatch  reaches  a  plateau  after  100  hours  at  approximately  1.0  ±  0.2%. 

The  plateau  may  signify  loss  of  perfect  coherence.  This  result  is  in  good 
agreement  with  past  studies  performed  on  this  system  (11-16).  Alternatively, 
for  the  Al3(V0>g75Zr0_12_)  phase,  the  measured  lattice  parameter  deviates  only 
slightly  and  most  notably,  is  negative.  Diffraction  analysis  following  400 
hours  of  aging  determined  the  lattice  disregistry  to  be  approximately  -0.2  -fc 
0.2%. 

Effect  of  6  on  the  Decomposition  Kinetics 

To  investigate  the  effect  of  lattice  disregistry  on  the  decomposition 
kinetics,  Al  alloys  containing  0.35  w/o  Zr  and  0.40  w/o  V  -  0.10  w/o  Zr  were  iso- 
thermally  aged  at  375°C.  Since  neither  electron  nor  light  microscopy 
revealed  the  presence  of  any  second  phase  particles  in  the  as-cast 
microstructure,  it  appears  that  chill  casting  has  extended  the  solubility 
limit  beyond  the  equilibrium  concentration;  0.28  w/o  and  0.3?  w/o  for  Zr  and  7 


Figure  1.  The  variation  in  lattice  disregistry  of  both  the  cubic  Al3Zr  and 
Al, (V0 _ a7S Zr0. i  )  as  a  function  of  aging  time  at  425°C  as  measured  by 
electron  diffraction. 

in  binary  Al,  respectively  (24,25)*  As  may  be  seen  in  figures  2(a-d), 
decomposition  from  the  supersaturated  solid  solution  was  observed  to  occur  in 
both  alloy  systems  by  a  discontinuous  mode  of  precipitation.  Migrating  grain 
boundaries  act  a3  natural  sinks  for  solute  atoms  and  leave  cellular  precipi¬ 
tates  behind  in  their  wakes.  As  a  result,  only  short  range  diffusion  is  in 
operation,  and  results  in  a  more  refined  dendritic  structure  at  longer  aging 
times,  Fig.  2d.  Sven  following  300  hours  of  aging  at  375° C,  selected  area 
electron  diffraction  analysis  identified  all  precipitates  to  be  of  the 


cubic,  LI  -type 


To  enhance  nucleation  and  minimize  discontinuous  precipitation,  a  second 
set  of  alloys  were  initially  cold  rolled  95?  prior  to  isothermal  aging  at 
450°  C.  Though  cold  rolling  was  found  to  enhance  the  kinetics  of  decomposition 
from  that  previously  reported,  in  both  the  A1  -  Zr  and  A1  -  V  -  Zr  systems 
studied,  the  decompostion  from  the  supersaturated  solid  solution  was  observed 
to  follow  the  generally  agreed  upon  sequence  of  precipition,  i.e., 

Supersaturated  Cubic  Spheres  Tetragonal  Plates 

Solid  Solution  &  Rods  (L1?)  **  (DO23) 

For  the  alloy  containing  1  v/o  AlsZr  with  a  6  of  1.0  ±  0.2?  and  2.58?  for 
the  cubic  and  tetragonal  phases,  respectively,  following  0.5  hours  of  aging  at 
450° C,  approximately  20  run,  spherical  particles  were  observed,  some  located  on 
dislocations  as  well  as  on  sub-grain  boundaries,  figure  3a.  With  continued 
aging,  the  density  of  precipitates  appeared  constant  and  initially  no  apparent 
increase  in  size  was  observed.  Electron  diffraction  analysis  of  such  areas 
verified  them  to  be  of  the  ordered,  L1s  -type  with  a  lattice  parameter  and 
orientation  nearly  that  of  the  A1  matrix.  As  in  previous  studies,  precip¬ 
itation  again  was  not  uniform,  yet  the  "fan-shaped",  discontinuous  precip¬ 
itation  reaction  was  not  apparent.  Following  5  hours  of  aging,  spherical 
Al3Zr  particles  were  often  seen  connected  by  dislocations  and  in  many 
instances,  oriented  along  crystallographic  directions  (fig.  3b).  Such 
connecting  dislocations  may  act  as  a  conduit  for  solute  diffusion  and  may 
result  in  the  apparent  coalescence  and  formation  of  rod- shaped  particles, 
evident  after  10  hours  of  aging,  (fig.  3c).  Expectantly,  following  1 3.5  hours 
of  aging,  the  micro3tructure  consisted  of  a  combination  of  well  defined 
spherical  and  rod-shaped  particles,  as  shown  in  figure  3d.  3y  using  a  weak 
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beam-dark  field  technique  to  reduce  the  large  diffracted  intensity  associated 
with  the  rod -shaped  particles,  it  was  possible  to  resolve  the  exact  inter¬ 
action  between  3uch  precipitates  and  any  associated  dislocations  (fig.  3e)  . 
As  may  be  seen,  precipitation  on  a  dislocation  associated  with  helical  climb 
appears  to  be  responsible  for  the  formation  of  such  rod-shaped  precipitates. 
Furthermore,  the  absence  of  matrix  strain  contrast  and  the  associated  inter¬ 
facial  dislocation  structure  is  representative  of  a  precipitate  which  is  in¬ 
coherent  . 

The  first  appearance  of  the  equilibrium  tetragonal  Al3Zr  phase  became 
apparent  following  20  hours  of  aging  at  i450°C.  Examination  revealed  that  the 
precipitates  were  platelike  with  faceted  caps,  Fig.  3f,  and  demonstrated  an 
orientation  within  the  A1  matrix  identical  to  that  proposed  by  Izumi  and 
Oelschlagel  (12),  i.e., 


<001> 


Al3Zr 


//  <001> 


Zr  " 


To  determine  if  a  reduction  in  lattice  disregi3try  had  an  effect  on  the 
decomposition  kinetics  from  the  supersaturated  solid  solution,  an  identical 
study  was  performed  on  an  A1  alloy  containing  1  v/o  of  the  Al3  (Vc .  =75  Zr0 . 185  ) 
phase  with  a  5  of  -0.2  ±  0.2!!  and  2.391!  for  the  cubic  and  tetragonal  phases, 
respectively.  Overall,  the  decomposition  followed  an  identical  sequence  to 
that  previously  observed  for  the  unalloyed  Al3Zr,  however,  the  kinetics  of 
decomposition  appeared  appreciably  more  sluggish.  As  compared  to  13.5  hours 
for  the  unalloyed  Al=Zr  phase,  for  the  .A  13  (V- t  Zr0 , 125  )  phase  it  was  not 
until  after  20  hours  of  aging  that  the  coalescence  and  formation  of  rod -shaped 
particles  was  observed.  Furthermore,  as  compared  to  20  hours  in  the  Al.  Zr 
phase,  for  the  Als  (VD  #  a<r_  Zr-  <  la_  )  phase  it  wa3  not  until  after  100  hours  of 


aging  that  the  equilibrium  tetragonal  phase  was  finally  observed. 

The  kinetics  of  growth  of  the  intermediate  cubic  phase  are  quantitatively 
summarized  in  figure  4,  where  the  average  radius  r  is  plotted  versus  time. 
These  data  are  prior  to  the  observance  of  the  equilibrium  tetragonal  phase, 

20  hours  in  the  A1  -  AlsZr  system  versus  100  hours  in  the  Al- 
Alj (V0> g75 Zr0t l25 )  system.  As  may  be  seen,  the  increased  stability  of  the 
cubic  Als (V0> e75 Zr0 t 123 )  phase  compared  to  the  unalloyed  AlQZr  phase  results 
in  a  decrease  in  the  growth  rate  by  a  factor  of  approximately  five  times. 

In  an  attempt  to  observe  a  direct  transf ormation  from  the  cubic  phase  to 
the  tetragonal  phase,  bypassing  coalescence  and  the  formation  of  rod- shaped 
particles,  a  third  set  of  A1  -  AlsZr  specimens  were  initially  cold  rolled  by 
95$  and  isothermally  aged  at  600° C.  Again,  copious  precipitation  was  observed 


Figure  4.  Growth  kinetics  of  the  cubic  Al.?(V,Zr)  phases  prior  to  observance 
of  the  equilibrium  tetragonal  phases  in  specimens  cold  roiled  by  95$  and 
aged  at  459°C. 


almost  Immediately  in  the  form  of  small  spherical  particles.  Following  12 
hours  of  aging  at  600°C,  a  healthy  dispersion  of  L1a  ,  Al3Zr  particles  is  once 
again  observed,  yet  some  of  the  particles  are  becoming  lenticular  in  shape  and 
oriented  along  [110]  directions  (Fig.  5a).  With  continued  aging  it  is  readily 
apparent  that  the  lenticular  particles  are  growing  at  a  faster  rate  than  the 
smaller,  spherical  particles.  Furthermore,  examination  within  some  of  the 
smaller  particles  in  figures  5a  &  b  reveal  sharp  lines  of  contrast  which  are 
thought  to  be  Antiphase  Domain  Boundaries  (APB).  Their  appearance  is  similar 
to  that  observed  in  AuCu3  samples  (26)  and  support  Ryum’s  model  for  the 
transformation  from  the  cubic  L1S  phase  to  the  tetragonal  D02S  phase  by  the 
formation  of  an  APB  with  a  displacement  vector  R  =  a/2[110]  on  {100}  type 
planes  (18).  With  continued  aging,  figures  5c  &  d,  all  of  particles  were 
observed  to  be  lenticular  in  shape  prior  to  forming  the  equilibrium  tetragonal 
structure  previously  observed. 

Effect  of  6  on  the  Coarsening  Kinetics  of  both  the  Cubic  and  Tetragonal 
AIq  (V,Zr)  Phases. _ _ _ — 

The  coarsening  kinetics  of  both  the  cubic  ALjZr  and  Al3 (V3 > a7_ Zr0 # 12_ ) 
phases  and  the  tetragonal  Al^Zr  phase  at  425°C  are  shown  in  figures  6  and  7, 
respectively.  Typical  micrographs  of  both  the  cubic  and  tetragonal  precipi¬ 
tates  are  shown  in  figures  8  and  9,  respectively.  For  the  spherical,  cubic 
particles,  the  particle  diameter  was  taken  as  the  line  of  no  contrast,  while 
for  the  tetragonal,  plate-like  phase  the  diameter  was  measured  along  the  minor 
axis  of  the  plate  as  well  as  the  apparent  length  along  the  major  axis,  ^or 
the  cubic  Al_Zr  phase,  coarsening  kinetics  were  also  measured  following  iso¬ 
thermal  aging  at  375°C.  As  predicted  by  the  ESW  theory  of  diffusion- 


200  nm 


F 


150  nm 


Figure  5.  TEM  micrographs  showing  the  direct  transformation  from  the  cubi 
(L12)  Al3Zr  phase  to  the  tetragonal  (D023)  phase  following  95$  cold  rol 
and  aging  at  500‘C  for  (a)  12  hrs.,  (b)  12  hrs.,  (c)  15  hrs.,  (d)  20  nrs., 
(e)  25  hrs.  and  (f)  25  hrs. 


M  o 


Figure  6.  Coarsening  kinetics  of  the  cubic  (L12),  Al3Zr  and  AL.  (V0  #  s>75  Zr:  t  18 
phases  at375°C  (•)  and  425°C.  r  is  the  average  particle  radius  at  a 
particular  time  t. 


Figure  7.  Coarsening  kinetics  of  the  tetragonal  Al.,Zr  phase  at  U25cC.  r  is 
the  average  particle  radius  measured  along  the  minor  axis  of  the  plate. 
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?Lgure  9.  Transmission  electron  micrographs  showing  the  coarsening  kinetics 
of  the  tetragonal  \1,.  Zr  phase  following  aging  at  U25°  Z  for  (a)  20  hrs., 
(ty  50  hrs.,  (c)  100  hrs.,  (d)  200  hrs.,  (e)  300  hrs.  and  (d)  UOO  hrs. 


controlled  coarsening  (eqns.  1,2),  a  linear  relationship  between  the  cube  of 
the  average  particle  radius  and  the  time  is  obtained  for  both  systems  and 
phases  investigated.  Through  a  least  squares  analysis,  the  coarsening  rates 
and  hence,  the  interfacial  energies  of  each  of  the  phases  may  be  determined. 
The  values  of  the  rate  contents,  k,  the  relevant  parameters,  D,  C  Q,  and  V  as 
well  a3  the  interfacial  energies,  a  ,  are  reported  in  Table  1.  Tn  the  analy¬ 
sis,  the  diffusivity  of  V  in  A1  was  not  used  since  it  was  greater  than  the 
diffusivity  of  Zr  in  A1  (21)* 

The  particle  size  distributions  for  each  of  the  systems,  phases  and  aging 
temperatures  investigated  are  reproduced  in  figures  10  -  13.  Tn  each  system, 
the  distribution  profiles  represent  measurements  of  a  minimum  of  U00  particles 
and  a  maximum  of  nearly  1000  particles.  The  solid  line  in  each  figure 
represents  the  "quasi-steady-state"  distribution  predicted  by  the  h5W  theory 
of  Ostwald  r'.pening  and  given  by  the  function 

f(r,t)  =  f  (t)  o3h(0)  (3) 

where  f  (t)  is  a  function  of  time  only,  o  =  r/r  and  h(o)  is  given  by 


h  (o) 


3/2  i 
,3/2-0/ 


s  11/3 


expl 


3/2-0  1 


(4) 


p  <  p  =  3/2;  h ( p)  =  0,  o  >  o  =  3/2  . 

c  c 

A 3  shown  for  the  A1  -  cubic  413Zr  system  aged  at  375° C  (following  a  preage 
at  600" C  for  1  hour),  figure  10,  there  is  very  good  agreement  between  the 
experimental  histograms  and  the  predicted  distribution  profile.  The  only 
discrepancies  are  apparent  in  the  peak  position  being  slightly  skewed  left  and 
cut-off  sizes  greater  than  the  predicted  value  of  pc  -  1.5.  As  shown  in 
figures  11  and  12,  for  both  the  A1  -  cubic  Al.;  Zr  and  A1  - 
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Figure  10.  Comparison  of  the  experimental  particle  size  distributions  for 
the  cubic  AlsZr  phase  aged  at  375°C  with  the  LSW  predicted  distribution 
function,  o2h(o). 
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Figure  11.  Comparison  of  the  experimental  particle  size  distributions  for 
the  cubic  41. Zr  phase  aged  at  425'C  with  the  predicted  distribution 
function,  z^'h(z). 
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Figure  12.  Comparison  of  the  experimental  particle  size  distributions  for 
the  cubic  A1_(V0  _  gZro  .  )  phase  aged  at  425°  C  with  the  LSW  predicted 
distribution  function,  crmo)- 


p  =  r/r  p  =  r/T  p  =  r/r 


Figure  13.  Comparison  of  the  experimental  particle  size  distributions  for 
the  tetragonal  AL,  Zr  phase  aged  at  H2'5°C  with  the  LSW  predicted  distri¬ 
bution  function.  o2h(o). 


A 13 (V0 _ e75 Zr0< 125 )  systems  aged  at  425  C,  these  same  discrepancies  are  also 
found,  and  are  even  more  accentuated.  For  the  A1  -  cubic  Al3Zr  system,  only 
after  400  hours  of  aging  does  there  appear  to  be  an  evolution  toward  a  steady 
state  distribution. 

The  distribution  profile  for  the  A1  -  tetragonal  AlgZr  system  aged  at 
425°C  is  shown  in  figure  13.  Generally  speaking,  the  experimental  histograms 
tend  to  be  more  log-normal  with  skewed  and  depressed  peaks  as  well  as 
extremely  long  tails  when  compared  with  the  LSW  predicted  distribution 
function,  o2h(o). 


Effect  of  Cold  Rolling  on  the  Coarsening  Kinetics  of  the  Cubic  Al3(V,Zr) 
Phases 


To  investigate  the  effect  of  cold  rolling  on  the  coarsening  kinetics,  alloy 
buttons  containing  A1  -  0.35  w/o  Zr  and  A1  -0.40  w/o  V  -  0.10  w/o  Zr  were 
initially  cold  rolled  to  5%  of  their  original  thickness  prior  to  isothermal 
aging  at  450°C.  Prior  to  forming  the  equilibrium  tetragonal  Als(V,Zr)  phases, 
the  coarsening  kinetics  of  both  the  cubic  (Lis)  Al3Zr  and  Al3  (V0.  =75  ZrD  _  x  . ) 
phases  at  450°C  following  cold  rolling  were  measured  and  are  3hown  in  figure 
14.  For  direct  comparison,  the  coarsening  kinetics  measured  for  the  non-cold 
rolled  ALj  (V,Zr)  phases  isothermally  aged  at  425f  C  are  also  included.  Aside 
from  the  earliest  stages  of  growth,  a  linear  relationship  between  the  cube  of 
the  average  particle  radius  and  the  time  is  obtained  for  both  cold  rolled 
systems.  After  correcting  for  temperature  and  diffusivity  differences  (a 
factor  of  4.35  times),  comparison  of  the  coarsening  rates,  k,  of  both  the  cold 
rolled  and  non-cold  rolled  cases,  indicates  that  cold  rolling  had  no  apparent 


affect  on  the  coarsening  kinetics  of  the  Al3 (7^ # -75 Zc, >  125  )  phase;  yet,  for 
the  unalloyed  Al^Zr  phase,  the  coarsening  rate  has  been  enhanced  by  a  factor 


of  approximately  five  times,  from  approximately 2.4  X  tCT26  m2 /hr  to 


approximately  1.1  X  10"25  m3/hr.  Thus  the  difference  between  the  cold  rolled 
and  non-cold  rolled  curves  for  the  AI3  (V0 # s75  Zr0 > l2_  )  alloy  is  due  to  temper¬ 
ature  change  alone,  while  cold  rolling  was  found  to  enhance  the  coarsening 
rate  for  the  alloy  containing  the  AT_.Zr  phase. 


Discussion  and  Conclusions 

Careful  electron  diffraction  analysis  performed  on  both  the  A1  -  cubic 
A1  Zr  and  A1  -  cubic  Al3 (V0 # 373 Zr3 # l2g )  systems  found  that  the  improved 
lattice  matching  previously  reported  (3)  for  the  equilibrium,  tetragonal 
Ala(V  2r0  ,  )  phase  over  the  unalloyed  Al3Zr  phase  is  also  found  in  the 


95%  Cold  Rolled  T  =  450  C 


1.10  X  10  "  mVhr 


ki  =  1.86  X  10-”  m’/hr 


Non-Cold  Rolled  T  =  425  C 


k  a  2.38  X  T0  ,#  mVhr 


1.63  X-*«  m*/hr 


time  (hrs.) 


Figure  14.  Comparison  of  the  coarsening  rates  for  A1  -  \l3Zr  (L12')  and  M- 
Al£  (V2>  a75  Zr-,#125  )  (L12)  systems  in  non-cold  rolled  condition  (  o,c  )  an 
following  95^  cold  rolling  (•,■),  respectively.  *  Slope  corrected  for 
change  in  temperature  in  terms  of  T  and  D. 


respective  metastable  cubic  phases.  Assuming  Vegard's  Law  and  5  =  -0.?  +  0.2% 
and  6  =  1.0  ±  0.2$  for  the  cubic  Al3(V0.e7S  Zn>.i25  )  and  the  Al3Zr  phases, 
respectively,  it  is  possible  to  predict  that  the  lattice  parameter  of  the 
cubic  A13V  phase  would  exhibit  a  mismatch  of  approximately  -0.33  ±  0.2%  (Fig. 
15).  This  5  in  turn  corresponds  to  a  lattice  parameter  equal  to  approximately 
0.4034nm.  Furthermore,  it  may  be  predicted  that  the  cubic  Alc (V0 . a7_  ZrD _ l2£ ) 
phase  would  be  perfectly  coherent  with  the  A1  matrix  without  lattice  strain. 
Therefore,  based  on  the  present  investigation,  the  coherent  Al3 (V3 > a75 Zr0 . l2_ ) 
phase  should  have  an  even  lower  interfacial  energy  than  either  of  the  fore- 
mentioned  phases  as  well  as  demonstrate  an  increased  stability  at  elevated 
temperatures.  This  latter  result  alone  could  be  of  great  technological  impor¬ 
tance  with  regards  to  the  resistance  of  grain  growth  at  elevated  temperatures 
and  is  presently  being  investigated. 

Qualitative  electron  microscopy  revealed  that  the  decomposition  of  the 
supersaturated  solid  solution  into  the  matrix  and  the  Al3Zr  or 
A1-.  (V0<  a7S  Zrc  _  l25 )  phases  was  generally  identical  to  that  previously  observed 
in  all  of  the  A1  -  tetragonal  A13X  -type  systems.  Depending  on  the  aging 
temperature,  the  metastable,  cubic  A1  (V, Zr)  phases  was  found  to  form  cellular 

3 

or  spherical  precipitates.  At  an  aging  temperature  of  375°C,  decomposition 
from  the  supersaturated  solid  solution  was  observed  to  occur  in  both  systems 
by  a  discontinuous  mode  of  precipitation.  Such  cellular  precipitates  with 
their  associated  migrating  grain  boundaries  are  apparently  responsible  for  the 
so  called  "fan-shaped"  precipitate  configuration  often  observed  in  the  past 
(11-14)  and  are  not  to  be  associated  with  segregated  cells  in  the  as-cast 
structure  (11,13)  or  a  redistribution  and  coarsening  effect  (12). 
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AI3Zr  0.20  0.40  0.60  0.80  AI3V 
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Figure  15.  Lattice  disregistry  variation  of  cubic  M^(VxZr1_x)  with  composi¬ 
tion,  X  in  A1  -  1  v/o  Al3(V,Zr)  alloys.  The  dashed"  line  represents  the 
lattice  parameter  of  pure  Al. 

Decomposition  from  the  supersaturated  solid  solution  following  95%  cold 
rolling  and  isothermal  aging  at  450*C  was  initially  observed  in  both  systems 
in  the  form  of  spherical,  cubic  precipitates.  At  the  later  stages  of  growth, 
rod-shaped  cubic  particles  were  often  observed  and  were  apparently  the  result 
of  either  a  coalescence  event  (Fig.  3c)  or  precipitation  on  dislocations 
associated  with  helical  climb  (Fig.  3s).  The  latter  result  is  in  direct 
support  of  a  model  proposed  by  Nes  (15%  Such  helical  dislocations  wrapped 
around  the  precipitate  may  promote  a  preferential  growth  direction  by 
generating  vacancies  as  well  as  by  sweeping  up  nearby  solute  atoms  with  their 
wandering  tails.  With  continued  aging,  the  formation  of  the  equilibrium 
tetragonal  phase  was  apparent  in  segregated  regions  throughout  the  matrix  with 
plate  edges  aligned  along  <001 >  and  <  1 1 0>  directions. 


The  transformation  from  the  metastable,  cubic  (LI  )  phase  to  the  equili¬ 
brium,  tetragonal  (0033)  phase  has  been  proposed  by  Ryum  (18)  to  occur  through 
the  formation  of  an  antiphase  domain  boundary  (APB),  however,  this  has  yet  to 
be  observed  in  an  electron  microscope  for  this  system.  As  shown  in  figure  16, 
a  D02„  -type  crystal  structure  may  be  formed  from  an  L12  -type  structure  by  an 
atomic  displacement  of  a/2[110]  on  {100}  planes.  Electron  microscopic  analy¬ 
sis  of  specimens  aged  at  600°C  are  clearly  in  support  of  this  model  and  the 
obvious  mechanism  responsible  for  the  formation  of  the  tetragonal  phase.  From 
previous  research  performed  in  the  A1  -  Cu  system,  Weatherly  (27)  found  that 
the  two  major  origins  accounting  for  the  formation  of  an  APB  are  particle 
coalescence  as  well  as  particle  dislocation  interaction.  With  this  in  mind  it 
is  not  surprising  that  both  mechanisms  were  previously  observed.  Furthermore, 
the  latter  mechanism  could  be  responsible  for  the  accelerated  transformation 
observed  for  the  unalloyed  Al„Zr  phase  over  the  Al„ (V2 . Zr„ _ .  )  phase, 


(a)  (b) 


Figure  16.  Crystal  structures  of  a)  the  ordered  AL  (V,Zr)  phase  (LI  )  and 
b)  the  ( 1 1 1)C 1 10]  antiphase  boundary  resulting  in  an  imperfect  tetragonal 
A 1,  ( V  ,  Zr )  phase  (D0„a)  (28). 


since  the  coherency  strain  associated  with  a  6  of  approximately  1.0$  is  most 
easily  accommodated  by  the  introduction  of  dislocations  at  the  particle/matrix 

interface . 

As  previously  mentioned,  the  second  major  objective  of  this  research  was 
to  investigate  the  effect  of  lattice  disregistry  on  the  isothermal  coarsening 
kinetics  as  well  as  evaluate  the  fundamentals  of  the  Ltfshitz  -  Slyozov  - 
Wagner  theory  of  Ostwald  ripening.  As  a  result  of  the  limited  solubility  of 
both  V  and  Zr  in  A1  and  the  spherical  intermediate  phase  which  forms,  the 
systems  are  ideal  for  detailed  examination  and  correlation  with  the  LSW 
theory. 

Quantitative  coarsening  analysis  for  both  the  cubic  Al_Zr  and 
Alg(V0 ^  _7SZr0 1 185)  phase  as  well  as  the  tetragonal  AL,Zr  phase  are  in  good 
agreement  with  the  predicted  linear  relationship  between  a  plot  of  the  cube  of 
the  average  radius,  r,  and  isothermal  aging  time,  t.  Furthermore,  from 
equation  3,  good  correlation  between  the  calculated  interfacial  energy  (Table 
1)  and  percent  lattice  disregistry  is  found.  As  expected,  the  cubic 
A1q  (V0 t  _,7^r0 .  l2S  )  phase  with  a  6  =  -0.2  +  0.2$  exhibits  an  interfacial  energy 
of  47  erg3/cnp  as  compared  with  the  unalloyed  Alg  Zr  phase  with  a  5  =  1.0  ± 
0.2$,  exhibiting  an  interfacial  energy  on  the  order  of  66  ergs/cm2.  On  the 
other  hand,  for  the  tetragonal  Al3Zr  phase  with  an  averaged  5  =  2.38$,  an 
interfacial  energy  of  approximately  986  ergs/cm2  was  calculated.  These 
results  are  fairly  consistent  with  previous  coarsening  studies  performed  on 
in  some  Ni-base  alloy3  with  a  very  small  mismatch  (29-31 )  as  well  as  on  the 
phase  in  an  Al-Cu  alloy  with  a  large  5  (32). 

Inspection  of  the  particle  size  distributions  (PSD)  show  good  agreement 
with  theory  for  the  cubic,  spherical  Als (V,Zr)  phases,  especially  for  the  A1  - 


AlsZr  system  preaged  at  600°  C  for  1  hour  followed  by  Isothermal  aging  at 
375°C.  At  virtually  all  of  the  times  inspected,  the  histograms  fit  the 
predicted  distribution  function  fairly  well.  Slight  tails  may  be  easily 
explained  by  measurements  made  of  particles  which  were  associated  with  dislo¬ 
cations.  However,  larger  discrepancies  between  theory  and  experiment  are 
apparent  for  the  cubic  phases  isothermal ly  aged  at  425s  C.  In  general,  for 
both  the  Al3Zr  and  A13(VQ  g75Zr0>12,_)  phases,  the  distributions  appear  more 
log-normal  throughout  aging  and  only  following  400  hrs  of  aging  does  the  Al,  Zr 
phase  begin  to  fit  the  predicted  distribution  profile.  As  may  be  seen  in 
figure  13,  a  very  poor  fit  between  the  predicted  distribution  profile  and  the 
experimental  profile  results  for  the  plate-like,  tetragonal  Al37r  phase. 
Generally  speaking,  the  PSD's  appear  bell-shaped  with  long  tail3  and  poor 
agreement  in  terms  of  the  LSW  predicted  distribution  function,  o2h(c). 

Concerning  the  effect  of  cold  rolling,  it  was  found  to  accelerate  the 
transformation  from  the  metastable  L12  structure  to  the  equilibrium  D0„„ 
structure  in  both  alloy  systems  studied.  For  example,  in  the  Al  -  Al„Zr 
system  following  95?  cold  rolling  the  transformation  was  observed  to  begin 
after  20  hours  of  aging  at  450°C;  however,  In  the  absence  of  cold  rolling,  the 
cubic  Al3Zr  phase  was  found  to  be  stable  for  at  least  400  hours  in  specimens 
aged  at  a  slightly  lower  temperature  of  425°C.  In  the  Al  -  A1„(V_  Zr. 
system,  the  LI  phase  was  much  more  resistant  to  promotion  of  the  transform¬ 
ation  by  cold  rolling.  It  is  suggested  that  there  is  a  greater  tendency  for 
the  Al  Zr  phase  to  form  on  dislocations  than  the  Al„ (V0 # s7- Zr, 4 l2£ )  phase  and 
that  these  dislocations  promote  the  transformation  to  the  tetragonal  structure 
by  assisting  formation  of  antiphase  domain  boundaries. 


As  far  as  the  coarsening  kinetics  are  concerned,  reducing  the  mismatch 
between  the  matrix  and  the  LI  ,  A1  X  precipitates  reduces  the  rate  of  growth 
of  the  precipitate  particles.  Research  in  progress  will  verify  whether  this 
is  also  true  for  the  D023,  Al^X  precipitates  a3  expected. 
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Since  Che  S  phase  (nominal  composition  Mgg Ala )  in  the  Al-Mg  system  is 
cubic  with  a  lattice  parameter  6.97  times  that  of  Al,  it  was  thought  that 
the  interface  between  3  and  the  Al  matrix  might  have  a  low  interfacial  energy 
and,  therefore,  be  of  interest  for  dispersion  strengthening  in  elevated 
temperature  alloys.  For  this  reason,  coarsening  of  6  precipitates  in  an 
Al-11  wt.%  Mg  alloy  was  studied  in  the  temperature  range  250  to  330° C.  From 
the  modified  LSW  theory  an  interfacial  energy  of  approximately  1  J/n? 

(1000  ergs/cnr  )  was  computed.  This  high  value  indicates  that  the  3/a  inter¬ 
face  is  incoherent  in  spite  of  the  fact  that  the  S  lattice  parameter  is  almost 
an  exact  multiple  of  that  of  the  .  solid  solution.  An  anomalously  high  rate 
of  coarsening  at  250° C  suggests  that  short  circuit  diffusion  at  grain 
boundaries  and  dislocations  plavs  a  role  at  this  temperature. 

4 .  Elastic  Modulus  of  Al-  Zr 

Since  one  of  the  desirable  objectives  of  elevated  temperature  Al  alloy 
development  is  an  increased  modulus  of  elasticity,  it  was  decided  to  establish 
the  elastic  modulus  of  Al„Zr.  This  was  done  by  measuring  the  modulus,  using 
the  pulse  echo  technique,  of  a  number  of  alloys  with  varying  volume  percent 
of  Al3Zr  and  extrapolating  to  1007.  Al,  Zr.  The  value  so  established  was 
192  GPa,  compared  to  71  GPa  for  pure  Al  and  140  GPa  for  pure  -5 '  AL.  Li  (1). 

Previously,  a  rough  correlation  of  Young's  modulus  with  melting  tempera¬ 
ture  had  been  established  (2).  The  192  GPa  value  for  Al,Zr  fits  this 
correlation  very  well.  It  should  be  noted  that  Al„Zr  which  melts  at  158CF  C 
has  one  of  the  highest  melting  temperatures  of  intermetall ic  compounds  which 


are  in  equilibrium  with  Al  matrix. 
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